To reveal the operating mechanisms of plastic deformation in an FCC high-entropy alloy, the activation volumes in CrMnFeCoNi have been measured as a function of plastic strain and temperature between 77 K and 423 K using repeated load relaxation experiments. At the yield stress, σ y , the activation volume varies from ~60 b 
Introduction
Plastic deformation of metals and alloys is observed to be temperature and strain rate dependent, indicating that the motion of dislocations is controlled by thermally activated processes in the metal. The thermally activated process(es) are governed by the stressdependent Gibbs free energy ΔG(σ) that captures the energies required for a gliding dislocation to overcome/bypass various metallurgical obstacles (such as solute atoms, precipitates, forest dislocations, sessile locks) in the alloy. The temperature dependence of the plastic strain rate ε is usually expressed by an Arrhenius-type equation [1] .
3 where k is the Boltzmann's constant, T the absolute temperature, and ε 0 a microstructuredependent rate parameter.
Because the various possible obstacles span a wide range of physical scales, it is the activation volume V that reveals the operative size scale in the material at temperature T, plastic strain rate ε , and stress σ. The activation volume represents the volume of matter involved in the thermally activated processes driven by a resolved shear stress τ acting on coherent thermal fluctuations of dislocation segments, and is defined as
where M = 3.06 is the Taylor factor that relates the uniaxial stress σ and resolved shear stress τ in an equiaxed polycrystal, b is the magnitude of the Burgers vector of a perfect dislocation, and A is the activation area swept by the dislocation in reaching the activated state.
Commonly, activation volumes are expressed in units of b . The activation volume is thus a very useful measure for uncovering the underlying length scales of the thermally-activated process(es) of plastic flow, which then points toward the specific operating mechanism(s) in the material.
High-entropy alloys (HEAs) are an emerging new class of materials with the potential for impressive properties [14] [15] [16] [17] [18] [19] [20] [21] [22] [23] [24] [25] [26] [27] [28] [29] [30] [31] . Some HEAs exhibit good yield and high ultimate tensile alloys [33] [34] [35] [36] [37] [38] [39] [40] [41] [42] . The additional complexity of compositional disorder in this HEA appears not to play a direct role in establishing the material strengthening and rate dependence.
The remainder of this paper is organized as follows. In Section 2, we describe the experimental methods and analysis used to obtain the activation volume. In Section 3, we summarize a specific theoretical framework for flow stress versus strain rate, temperature, and plastic strain. In Section 4, we present our results and compare to theoretical predictions (qualitatively and quantitatively). Section 5 contains further discussion and a brief summary. [43] . The grains are equiaxed and contain annealing twins whose density was determined to be 2.3 ± 0.1 twins per grain using the procedure used in Ref. [44] .
Experimental methods and analysis

Material
Mechanical tests
After recrystallization, rectangular dog-bone shaped tensile samples (gauge length:
20 mm) were machined by electrical discharge machining with their loading axes parallel to the axis of the swaged rod. They were then ground to 1000 grit finish using SiC paper resulting in a final thickness and gauge width of ~1.2 mm and ~4 mm, respectively. Tensile tests were performed at engineering strain rates of 10 , when the desired plastic strain was reached, the cross-head was stopped abruptly for 30 s and the load recorded as a function of time (Fig. 1 ). Then the specimen was re-loaded to the stress at which the first load relaxation started and the next load relaxation was started.
This process was repeated four times to give a total of five load relaxations in each set. The magnified inset in Fig. 1 
Experimental determination of activation volumes
The apparent activation volumes (V app ) are obtained by fitting the following logarithmic relationship to the first relaxation curve of the repeated load relaxation tests [46] :
where Δσ < 0 is the stress decrease during the relaxation time t, the constant
S is the elastic modulus of the machine-specimen assembly, and ε p 0 is the plastic strain rate at the start of the load relaxation test. Equation (3) is obtained from a first order Taylor expansion of ΔG(σ) with respect to the flow stress, i.e., the apparent activation volume is assumed to be constant during the load relaxation test. As a consequence, when activation volumes are stress dependent (as they usually are), load relaxations must be analyzed over a "short duration" during which the activation volume can be considered to be constant so that the above Taylor expansion of ΔG(σ) remains valid [47] .
Physical activation volumes V are related to apparent activation volumes V app by the following equation [48] where Θ is the work-hardening rate (dσ/dε) and S is the elastic modulus of the machinespecimen assembly, encountered before in the expression of c in Eq. (3). Therefore, apparent activation volumes have to be corrected to account for the effects of work hardening of the specimen as well as the stiffness of the test rig. In general, the correction cannot be ignored unless the testing machine is very rigid and/or the specimen does not work harden significantly. While apparent activation volumes are determined from the first load relaxation, subsequent load relaxations allow us to determine V × Θ/S following Spätig et al. [45] who showed that V app -V = V × Θ/S is related to the successive stress drops in repeated load relaxation tests:
where n is the number of load relaxations, Δσ 1 and Δσ n are the stress drops in the first and n th load relaxation, respectively, and the average stress drop is given by
Therefore, a plot of the right-hand side of Eq. (5) versus n yields a straight line, with a slope equal to V × Θ/S. Note that, in some cases, Θ can also include a term that accounts for the variation in the density of mobile dislocations during the load relaxation [49] . , it is common to assume that the strengthening contributions are additive. We can thus write the alloy strength in the form
where the Hall-Petch strengthening σ HP (d ) is usually found to be athermal (rate-and temperature-independent) [16, 50] and independent of plastic strain [51] , the solute strengthening σ ss (T ,ε ) is temperature and strain rate dependent, and the forest hardening
has an additional dependence on total plastic strain due to
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The Hall-Petch mechanism does not contribute to the activation volume, while the inverse activation volumes of the two rate-dependent strengthening mechanisms are additive, i.e., solute strengthening and forest hardening.
Forest hardening
The strengthening due to forest hardening is σ f =M α µ b √ ρ where the parameter α =α (T ,ε ) reflects, in principle, the rate dependency associated with the breaking of dislocation junctions in the forest network and µ is the shear modulus. The activation volume for forest hardening is associated with the area swept out by the dislocation over length l=1/√ ρ combined with overcoming the junction barrier over some length scale w, V~ b w l . The length scale w ( τ ) varies with the resolved shear stress τ , in principle, but this is usually neglected as small compared to the dependence of V on l (and hence on ). The exact origin of thermal activation is believed in the literature to be related to the formation of jogs on intersecting dislocations or the recombination of short attractive junctions [52, 53] . The activation volume for forest hardening can thus be written as
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The inverse activation volume for forest hardening thus scales linearly with forest hardening,
where β is a combination of material parameters. Eq. (10) is the long-established CottrellStokes law observed in pure elemental FCC metals.
Solute strengthening
A general theory for solute strengthening of random FCC alloys at dilute solute concentrations has recently been developed [35, 36, 40] . A dislocation in the random alloy 
where
τ y 0 are the apparent zero-temperature flow stress and activation barrier accounting for the change in the alloy's shear modulus µ at finite temperature T. The transition in form with decreasing τ is discussed fully in Ref.
[38], and the second form, Eq. (12), is necessary to capture behavior at high temperatures (lower stresses). In fact, the difference between the two equations is small around
The finite-temperature/finite-strain rate flow stress then follows directly from application of the Arrhenius law of Eq. (1) as
The activation volume for solid solution strengthening is then also obtained directly from Δ G using Eq. (2) as
for σ ss (T )>0 . 5 σ y 0 (T )
, (15) 12
. (16) The physical underlying scale for the activation volume due to solid solution strengthening is Δ E b /τ y 0~b w c ζ c . The measured activation volume thus directly reveals the product of the key length scales of the wavy dislocation in the solute-strengthened random alloy. In dilute alloys, the predictions of the activation volume versus yield strength, temperature, and/or solute concentration follow experimental trends, and quantitatively are within a factor of 2 [38, 40] .
The "dilute limit" model has been extended to arbitrary compositions, making it applicable to HEAs [39] . The underlying concept is that the complex alloy can be viewed as an "effective" matrix that reflects the average properties of the alloy (lattice constant, elastic constants, stacking fault energy, line tension) into which all alloy elements are added as solutes. Each alloy solute n has a well-defined misfit volume Δ V n in the "effective" matrix material and, more generally, a well-defined interaction energy with a dislocation in the "effective" matrix material. The use of the "effective" matrix accounts for the average surrounding atomic environments that any one solute atom would experience in the alloy. The full interaction energy includes misfit volume, stacking fault energy, core interactions, and the explicit consideration of local spatial fluctuations of the solutes then includes local variations in stacking fault energy. The reduced elasticity theory neglects stacking fault energies, but also shows that the predicted strength is essentially independent of partial dislocation spacing.
The full theory can be reduced to an analytic model by assuming that the solute/dislocation interaction energies are due only to the elastic interaction between the
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where the line tension has been expressed as Γ=γ μ b 
Activation volume in solute-strengthened FCC alloys
Combining the contributions of forest hardening and solid solution strengthening to the overall activation volume of the alloy, the above theory (using the high-T/low-stress form for the solid solution strengthening, for simplicity) predicts
The first term is independent of plastic strain while the second term increases with plastic strain due to dislocation multiplication that leads to the forest hardening. The inverse activation volume is then typically expressed in terms of the applied stress using Eqs. (7) and (19) as
where σ y is the initial yield stress. This form corresponds to the well-established Haasen plot, 1/ V versus σ -σ y , with the intercept value associated solely with solute strengthening and the slope associated solely with forest hardening. (black curve). The two stress-strain curves are remarkably similar indicating that strain rate (in this range) has a small effect on the flow stress behavior. These results are consistent with earlier results [15] that showed the relative insensitivity of the yield and ultimate tensile strengths of this alloy to strain rate in this range. This will be discussed further in Section 4.2 in terms of the strain rate sensitivity of stress.
Results and discussion
Tensile tests
True stress-strain curves obtained in the temperature range [77 K -423 K] are shown in Fig. 2 where several repeated load relaxations at various plastic strains can be observed.
Except for the tensile test performed at 293 K, which was unloaded after ~20% plastic strain, all other tests were taken to fracture/necking. Fig. 2 reveals that, for a given strain, the flow stress and the work-hardening rate increase with decreasing temperature. Consistent with the Considère criterion, dσ/dε = σ, the increased work hardening rate at lower temperatures postpones necking, resulting in the ductility increasing with decreasing temperature. These results are in good agreement with those reported in earlier studies of the CrMnFeCoNi HEA [15, 16, 18, 29] . Hall-Petch parameters reported by Otto et al. [16] were used to extrapolate the results at d = 17 µm to infinite grain size (blue data points), thereby revealing the intrinsic lattice strength. The temperature dependence of the shear modulus is weak, reported previously to decrease from 85 GPa at 77 K [54] to 75 GPa at 423 K [55] , that is by ~12%. Therefore, the much larger decrease of the initial yield strength (~70%) over the same temperature range cannot be due simply to softening of the shear modulus; rather it must reflect thermallyactivated processes. Although small, note that the temperature dependence of the elastic nonetheless. Possible rationale for this difference is discussed in [39] . Overall, the solid solution strengthening model captures, both qualitatively and quantitatively, the main features of the initial yield stress versus temperature.
Repeated load relaxation tests
Repeated load relaxation experiments were performed at various plastic strains and it was found that the activation volume decreased with true plastic strain, see Fig. 4 . Recent TEM studies have shown that the CrMnFeCoNi HEA exhibits a very low dislocation density in the recrystallized state, which rapidly increases with plastic strain [13, 16] . Since the dislocation density is low in the initial state (ρ = 3.2 × 10 12 m -2 [13] ), the activation volume at initial yielding presumably reflects the interaction of dislocations with solutes. Upon straining to ~17.5% true plastic strain (both at 293 K and 77 K), the dislocation density increases, which corresponds to a decrease in the dislocation spacing ( l=1/√ ρ ). Consistent with this reasoning, Fig. 4 shows a decrease of activation volume with strain. The experimental trends are consistent with the general theoretical framework of Section 3. In another study, it was shown that CrMnFeCoNi with the same grain size as here (d = 17 µm) deforms by dislocation plasticity at applied stresses below 720 MPa (athermal critical twinning stress) while at higher stresses both deformation twinning and dislocation plasticity are active [13] . In Fig. 5 , it can be seen that the activation volume V is inversely proportional to forest hardening, σ -σ y , below and above the twinning stress (e.g., at 77 K, the twinning stress is reached when σ -σ y = 270 MPa and there is no visible discontinuity there).
It can therefore be concluded that deformation twinning does not have an influence on the evolution of activation volumes with flow stress. This conclusion is in good agreement with that of Hong et al. [56] who suggested that twinning does not have any significant influence on activation volumes. This is not too surprising since the spacing between deformation twins was found to be much larger than the spacing between dislocations, e.g., after 16% plastic strain at 77 K, the mean twin spacing is ~5 µm while the spacing between dislocations is 0.06 µm [13] . Overall, the level of agreement here is comparable to that achieved in dilute FCC alloys, including comparisons that simply use fitted values of τ y0 and Δ E b , and so better agreement should not be anticipated.
To put our present results in context, we will now address two recent studies of activation volumes in CrMnFeCoNi that we believe were incorrectly performed and interpreted. Wu et al. [57] determined activation volumes by means of strain rate jumps at engineering plastic strains of 5%, 15%, and 25% at 293 K and 77 K. Since the measurements were made at strains of 5% or more, their activation volumes cannot reflect only solid solution effects as claimed, since the contribution of forest hardening to the activation volume is important (see Eq. (8) and Fig. 4 ) and has to be included. Therefore, the activation volumes reported by Wu et al. [57] are likely underestimates and the strain rate sensitivity of stress overestimates. Moreover, in their expression for the activation volume, Eqs. (6) and (7) in Ref. [57] , there is a √3 -factor, which Wu et al. [57] introduced for the conversion between normal and shear stresses. This is an error because they should have used the Taylor factor (M = 3.06) to convert polycrystalline yield stress to critical resolved shear stress (after accounting for Hall-Petch) as is done in our present study. It appears from their √3 -factor,
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This is a post-print of the following article: Laplanche, G. Furthermore , in some of the stress-strain curves shown in Wu et al. [57] , the x-axis is labelled as "plastic strain" when it clearly shows the elastic portion too. From their description, it is not clear whether they used true values of stress and strain in their analyses or just engineering values (which would be inappropriate). Perhaps the biggest problem in Wu et al. [57] is their finding that activation volumes are independent of plastic strain. This is contrary to what has been traditionally observed in pure FCC metals, dilute and concentrated solid solutions, as well as, more recently, in HEAs [9, 10, [58] [59] [60] [61] [62] [63] . It is also not physically reasonable given that the governing length scale (spacing between the dislocation trees in the forest) decreases with increasing strain and, therefore, casts doubt on the validity of the activation volumes reported by Wu et al [57] .
In a more recent study, Hong et al. [56] . The authors reported that activation volumes increase with increasing plastic strain, which is contrary to what is usually observed in FCC solid solutions as discussed above, i.e., activation volumes decrease with plastic strain as a result of forest hardening. In Fig. 3 of Hong et al. [56] , it can be clearly seen that the tensile stress-strain curves are rather noisy, relative to which the magnitude of the stress change induced by the strain rate jumps is small. This is because they changed strain rate by only an order of magnitude, as opposed to at least a two orders of magnitude jump needed to reliably characterize FCC metals. As a consequence, the uncertainty in their Another parameter commonly used to describe thermally activated flow behavior is the strain rate sensitivity (m) defined as [3, 7, 64 ]
Since the Haasen plot shows that [13] . Therefore, it is difficult to extract the change in yield stress due to a change in plastic strain rate from 10 given the scatter in the stress-strain curves. This can be seen from the two representative stress-strain curves shown in Fig. 1 where, despite the two orders of magnitude difference in strain rate, there is little difference in the flow behaviors.
Summary and conclusion
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The activation volume in the Cantor alloy CrMnFeCoNi has been measured as a function of temperature using load relaxation tests. The results have been interpreted within a standard framework for solid-solution-strengthened FCC alloys, and the experimental trends conform to this standard framework. This finding indicates that plastic flow in this alloy is controlled by a combination of (i) rate-independent Hall-Petch strengthening, (ii (Fig. 1) ; the same scatter is assumed for the remaining temperatures. 
